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ARTICLE INFO ABSTRACT

Keywords: In Co-Cr-Fe-Ni-Mo-C ferrous medium-entropy alloys (FeMEAs), precipitation-driven alteration of matrix
Ferr‘?‘{s m_edi“m'emrol’y alloy composition affects both the kinetics of deformation-induced martensitic transformation (DIMT) and the degree
Precipitation of lattice distortion. While DIMT has been well studied, the role of lattice distortion remains explored. In this

Deformation mechanism
Strengthening mechanism
In-situ synchrotron X-ray diffraction

study, we simultaneously enhance the strength and ductility in Co;gCr;sFesy sNizsMosCy (at%) FeMEA by
harnessing the competitive interplay between precipitation and lattice distortion. Two annealed samples with
similar grain sizes but different precipitate characteristics were prepared. The sample with suppressed precipi-
tation exhibits improved ductility while maintaining comparable strength. The two specimens exhibited similar
yield strengths due to a trade-off between precipitation strengthening and solid solution strengthening. However,
the sample with higher lattice distortion and reduced precipitation demonstrates superior strain-hardening
behavior owing to the lattice distortion-induced back stress, acting as an effective strain-hardening mecha-
nism, and delayed DIMT, serving as a ductilizing mechanism. This work offers a strategy to modulate
strengthening and deformation mechanisms in Co-Cr-Fe-Ni-Mo-C FeMEAs via precipitation control.

include medium-entropy alloys (MEAs) with relatively lower configu-
ration entropy owing to fewer constituent elements or non-equiatomic

1. Introduction

High-entropy alloys (HEAs) have attracted the attention of many
researchers since their emergence. Traditionally, the excessive addition
of solute elements was believed to result in the formation of brittle
intermetallic compounds, hindering various alloy design attempts for
structural materials. However, HEAs have demonstrated the ability to
maintain a single-phase structure due to the high-entropy effect, and
furthermore, exhibit excellent mechanical properties, opening a new
window in alloy design [1-3]. Currently, the concept has expanded to
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compositions.

To enhance mechanical properties, research aimed at incorporating a
transformation-induced plasticity (TRIP) effect has been actively per-
formed [4,5]. In particular, ferrous MEAs (FeMEAs) are alloys designed
to induce deformation-induced martensitic transformation (DIMT) from
face-centered cubic (FCC) to body-centered cubic (BCC) by varying the
Fe content, exhibiting exceptional strain-hardening capabilities due to
the superior load-bearing capacity of the newly-born BCC martensite
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[6-8]. Additionally, their high Fe content provides cost-effectiveness,
making them a promising alloy for future structural applications [9].

Recently, we have developed FeMEAs by introducing precipitation
strengthening through the addition of Mo and C, with the aim of further
increasing their strength [10-17]. The advanced Co-Cr-Fe-Ni-Mo-C
FeMEAs are characterized by significant carbide precipitation during
heat treatment, due to Mo serving as a strong carbide former, inducing
precipitation strengthening. Along with precipitation, the composition
of the FCC matrix also changes, and previous studies have demonstrated
that the alteration in the composition of the FCC matrix has a significant
impact on metastability [10,12,15,16]. More intensive precipitation
leads to a further reduction in the phase stability of the FCC matrix,
resulting in a more pronounced DIMT. As a result, the strength
increased, but it was also accompanied by a decrease in ductility.

Changes in the matrix composition owing to carbide precipitation
not only impact TRIP kinetics but also affect the degree of lattice
distortion. According to the research by Li et al. [18] and Wang et al.
[19], greater addition of Mo or C into the FCC matrix results in a more
pronounced degree of lattice distortion. Therefore, while active pre-
cipitation boosts TRIP kinetics, it can also diminish the degree of lattice
distortion by decreasing the contents of Mo and C in the FCC matrix.
Since severe lattice distortion in HEAs or MEAs is known to enhance slip
planarity and increase back stress [20,21], active precipitation in
Co-Cr-Fe-Ni-Mo-C FeMEAs consequently has the drawback of weakening
back stress. This implies that there is a competitive interplay between
precipitation and lattice distortion in deformation mechanisms. We have
primarily focused on controlling the TRIP effect and have not exten-
sively addressed the lattice distortion-induced back stress. We thus
suggest that there remains a potential for further improvement in the
mechanical properties of Co-Cr-Fe-Ni-Mo-C FeMEAs through careful
control of competitive effects between precipitation and lattice
distortion.

In this study, we aim to enhance the tensile properties of fully
recrystallized Co;gCrisFesy sNiy sMosC; (at%) FeMEA via precipitation
and lattice distortion control, which influence both strengthening
mechanisms, such as precipitation strengthening and solid solution
strengthening, and deformation mechanisms, such as DIMT and back
stress. Two different annealing conditions of 800°C for 3 h and 900°C for
10 min were used to vary precipitation while maintaining a constant
grain size, in order to isolate the effect of grain size and verify only the
effects of precipitation and lattice distortion on tensile properties. A
specimen annealed at 900°C demonstrated greater ductility compared to
its counterpart annealed at 800°C without compromising strength, and
we provide detailed discussions on their strengthening and deformation
mechanisms, based on microstructural characterization and in-situ
synchrotron X-ray diffraction study.

2. Experimental method
2.1. Alloy fabrication

Co18Cr;3Fesy sNiz sMosCy (at%) FeMEA was cast using the vacuum
induction melting method. All elements used for casting were of at least
99.9 % purity. The ingot was homogenized at 1100°C for 6 h under an
argon atmosphere, followed by water-quenching. The homogenized
ingot was then cold-rolled at room temperature. The thickness reduction
ratio was ~86 % (from 7.0 to 1.0 mm). The cold-rolled sheet was
annealed under two distinct conditions to control precipitation without
altering the grain size: at 800°C for 3 h (A800) and at 900°C for 10 min
(A900). All annealed samples were subjected to water quenching.

2.2. Mechanical testing
Dog-bone-shaped tensile specimens (1.0 x 2.5 x 6.4 mmg) were cut

from the annealed sheet along the rolling direction. Uniaxial tensile tests
were performed at a strain rate of 1 x 10> s™! using a universal testing
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machine (Instron 5582, Instron Corp., USA). All uniaxial tensile tests
were repeated 3 times. Loading-unloading-reloading (LUR) tests were
conducted using the same universal testing machine at the same strain
rate. The digital image correlation (ARAMIS M12, GOM Optical
Measuring Techniques, Germany) technique was utilized during the
uniaxial tensile and LUR tests for accurate measurements of elongation
and local strain. All specimens were sprayed with white and black paint
prior to the tensile tests.

2.3. Microstructural characterization

For microstructural analyses, each sample was mechanically pol-
ished using SiC papers (up to 1200-grit), followed by electrochemical
polishing with a 92 % CH3COOH + 8 % HCIO4 solution. Electron
backscatter diffraction (EBSD) and electron channeling contrast imaging
(ECCI) analyses were conducted using a field-emission scanning electron
microscope (FE-SEM) (JSM-7900 F, JEOL, Japan). The obtained EBSD
data were interpreted using orientation imaging microscopy (OIM)
analysis software (TSL OIM analysis 7). Backscatter electron (BSE) im-
ages were obtained using the same FE-SEM. Scanning transmission
electron microscopy (STEM) analyses were performed using a trans-
mission electron microscope (TEM) (JSM-2100 F, JEOL, Japan) equip-
ped with an energy dispersive X-ray (EDS) detector. Thin foil samples for
STEM analysis were prepared using a dual-beam focused ion beam (FIB)
(FEI Helios Nano-Lab™),

2.4. In-situ synchrotron X-ray diffraction

In-situ synchrotron XRD tests were conducted during uniaxial tensile
testing on both A800 and A900 specimens, each with a gauge geometry
of 1.0 x 4.0 x 15.0 mm?3, at the P07 High Energy Materials Science
Beamline of Petra III in Deutsches Elektronen-Synchrotron (DESY,
Germany). For each sample, six diffraction patterns were obtained
intermittently through load control in the elastic region. In the plastic
region, diffraction patterns were acquired discontinuously using the
strain control method with a crosshead speed of 0.9 mm/min, which
corresponds to a strain rate of 1 x 1073 s™1. A high-energy synchrotron
beam (87 keV, wavelength of 0.14032 1°\, size of 700 x 700 pmz) was
employed, allowing the in-situ synchrotron XRD tests to be conducted in
transmission mode. A panel detector (PerkinElmer Inc., USA) with 2048
x 2048 pixels (size of 200 x 200 pm?) was used to collect diffracted 2-
dimensional Debye-Scherrer rings, which were caked along the loading
direction (azimuthal angle range from 82.5° to 97.5°) and integrated
into 1-dimensional XRD line profiles using Fit2D software [22]. The
sample-to-detector distance, determined using LaBg powder diffraction
data, was 1251.113 mm. The position and intensity of each peak were
determined through single peak fitting, using a pseudo-Voigt function
[22,23].

3. Results
3.1. Initial microstructure

XRD line profiles in Fig. 1(a) reveal that both A800 and A900 have an
FCC matrix. The lattice parameters of both alloys are ~0.3580 nm and
~0.3583 nm, respectively. The Williamson-Hall method was applied to
the XRD line profiles to quantify the lattice distortion and dislocation
density in both samples [24,25]. The lattice distortion (¢) was calculated
using the following equation [26]:

/}cosF):4esin€+k—/1, @
D,
where f is the full width at half maximum (FWHM), k = 0.9 is a shape
factor, 1 = 0.14032 A is the wavelength, and D, is the crystallite size.
Linear fitting of  cos 6 versus 4 sin 6 yields lattice distortion values of
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Fig. 1. (a) Synchrotron XRD line profiles of A800 and A900 taken prior to tensile loading and (b) an enlarged section of the 20 range from 3.3° to 4.1°. The plots of
f cos 0 versus 4 sin 0 for (c) A800 and (d) A900. EBSD IQ + IPF maps of (e) A800 and (f) A900. (g) Grain size distributions of A800 and A900.

0.000456 for A800 and 0.000529 for A900, respectively (Fig. 1(c) and
(d)). Additionally, the dislocation density (p) was estimated using the
following equation [25]:

2
p=kog;. @

where ko = 1.61 is a constant for the FCC phases and b is the magnitude
of the Burgers vector of each sample. A800 and A900 exhibit compa-
rable dislocation densities of ~5.2 x 10> m~2 and ~7.0 x 103 m’z,
respectively, which are similar to that in fully recrystallized fine-grained
FCC FeMEA [25]. EBSD inverse pole figure (IPF) maps overlaid on image
quality (IQ) maps (Fig. 1(e) and (f)) demonstrate that the FCC matrix of
both alloys exhibits similar characteristics. As shown in Fig. S1 (Sup-
plementary Material), grains with grain orientation spread (GOS) values
exceeding 2° are negligible in both samples, and since recrystallized
grains are typically characterized by GOS values below 2° [12,15], it is
evident that both samples are fully recrystallized. In addition, they
exhibit similar average grain sizes and grain size distributions: 2.36 +
1.06 pm for A800 and 2.53 + 1.17 pm for A900. Abundant annealing
twin boundaries are also observed in both alloys. The twin boundary
fractions of A800 and A900 are 0.48 and 0.54, respectively. In addition,

(a) AB0O

MgC and My3Cg carbide peaks are shown in Fig. 1(b), indicating that
carbide precipitation occurs. BSE images (Fig. 2(a) and (b)) provide a
comparative view of the size and distribution of carbides in both alloys.
It can be seen that A800 has more abundant and coarse carbide pre-
cipitates than A900. The more active precipitation observed in A800 is
due to the lower annealing temperature, which provides a higher driving
force for precipitation [27,28].

Quantitative nano-scale analyses of carbide precipitates and the
chemical compositions of the FCC matrix were performed using TEM.
STEM-EDS maps of both alloys in Fig. 3 reveal the presence of two types
of carbides: Mo-rich and Cr-rich carbides. Based on our previous studies
of Co-Cr-Fe-Ni-Mo-C FeMEAs [10-12], these correspond to MgC and
M33Cg carbides, as confirmed by the XRD line profiles (Fig. 1(b)). Each
carbide particle was analyzed using image J software. By combining the
thresholding function with manual refinement of the segmentation, in-
dividual particles were clearly distinguished from the FCC matrix
(Fig. S2 in the supplementary material). Each particle was subsequently
identified as either a Mo-rich MgC carbide or a Cr-rich M33Cg carbide by
comparison with the corresponding EDS maps. The area fractions and
average radii of the two types of carbides in each sample are listed in
Table 1. Both MgC and M33Ce carbides in A800 exhibit a higher area

(b) A900

-t -
. @

Fig. 2. BSE images of (a) A800 and (b) A900.
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(a) A800
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Fig. 3. STEM and EDS maps of (a) A800 and (b) A900.

Table 1
The area fractions and average radii of MgC and M23Cg carbides in A800 and
A900.

Area fraction Average radius

A800 MeC ~6.16 % ~34.45 nm
MasCe ~0.69 % ~35.05 nm
A900 MG ~411% ~26.12 nm
Ma3Cs ~0.56 % ~30.54 nm

fraction and larger average radius compared to those in A900. This
observation aligns with the trend identified in the BSE analysis. The
chemical compositions of the FCC matrix in both alloys were also
characterized using STEM-EDS analysis (Table 2). The compositions of
Co, Cr, Fe, Ni, and Mo in the FCC matrix were determined through at

Table 2
Comparison of the experimentally obtained and the thermodynamically calcu-
lated compositions of the FCC matrix in A800 and A900.

Co [at Cr [at Fe [at Ni [at Mo [at C [at

%] %] %] %] %] %]
A800  Exp. 18.71 14.49 58.24 6.41 2.10 0.05
Calc. 18.80 11.86 59.61 7.91 1.76 0.05
A900  Exp. 18.96 14.49 57.30 6.18 2.71 0.36
Calc. 18.65 12.12 59.19 7.84 2.00 0.20

least five-point EDS analyses. Contrary to these heavy elements, the
composition of C was challenging to ascertain via EDS analysis. The C
content in the FCC matrix was estimated using the following propor-
tional equation [12]:

ng Mitec Mitc,

FCC 6 2306 .

V, X (1 _fMac _fM23C5) + V. ><fMaC' + Vv, ><fM23C(, .
FCC MeC Ma3Ce

ny e Moo
{VFCC X (1 _stC _szzce.) + V, ¢ ><stC + V 2 XszaC'a } =1:99,
FCC MeC Ma3Ce

3

where nf is the number of C atoms in a lattice of phase i, nM is the
number of metallic atoms in a lattice of phase i, V; is the unit volume of
phase i, and f; is the volume fraction of phase i. Table S1 (in the sup-
plementary material) provides the values used to calculate the n&., and
please refer to Appendix A for a detailed explanation of the validity of
Eq. (3). The C content in the FCC matrix (xic) was obtained using the
calculated n§, value, as follows:

C _ ngCC ( 4)

x¥ = .
i C M
TNgee + Niee

The resulting x§,, for A800 and A900 are 0.0005 and 0.0036,
respectively.
To cross-validate the C concentration we obtained, a comparison
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with thermodynamic calculations were performed, using Thermo-Calc
software with the TCFE2000 thermodynamic database and its upgra-
ded version [29-32]. The FCC matrix compositions for A800 and A900
were calculated based on phase fractions from the equilibrium phase
diagram (Fig. S3 in the supplementary material), and results show that
calculated C concentrations closely match those obtained through Eq.
(3), with particularly good agreement observed in A800, enhancing the
reliability of the C concentrations we obtained. In A900, the experi-
mentally measured C concentration is higher than the calculated value,
which may be attributed either to discrepancies between the thermo-
dynamic calculations and the experiments, or to the short heat treatment
time of 10 min, which prevented the alloy from reaching equilibrium
and resulted in a supersaturated FCC matrix. The observed difference in
lattice parameters between A800 and A900 closely matches the differ-
ence predicted based on the C concentration variation we obtained
(please see Appendix B in the supplementary material), which further
validates the reliability of our determined C concentrations.

3.2. Tensile properties

Fig. 4 and S4 (in the supplementary material) depict the tensile
properties of A800 and A900. A900 exhibits superior uniform and total
elongations of 49.7 & 2.2 % and 63.8 + 2.7 %, respectively, compared to
A800, which shows 46.1 + 1.3 % and 56.0 + 2.5 %. Despite this
enhanced ductility, A900 still retains a high strength level equivalent to
that of A800. Given the typical trade-off between strength and ductility,
where improvements in ductility often result in the reduction of
strength, this result suggests that it A900 possesses a more effective
strain-hardening behavior than A800. Strain-hardening rate (SHR)
curves versus true strain (e of both alloys are illustrated in Fig. 4(b).
Both alloys show multi-stage strain-hardening behaviors. The strain-
hardening behavior of A800 consists of a gradual decrease (stage I),
followed by an increase (stage II), and a subsequent decrease in SHR
(stage III), whereas that of A900 consists of a gradual decrease (stage I)
followed by a plateau in SHR (stage II). During stage I, the rate of SHR
decrease in A900 is less steep than that in A800, indicating that A900
shows higher SHR in the early stages of plastic deformation. However,
A800 shows an earlier onset of stage II (¢; ~0.16) compared to A900 (g
~0.28), and its SHR increases rapidly, enabling it to temporarily surpass
the SHR of A900. Following this rapid increase during stage II, the SHR
of A800 subsequently decreases and falls below that of A900 again
(stage III). By contrast, A900 exhibits a delayed onset of stage II, with its
SHR curve showing a plateau rather than an increase. This plateau in
SHR allows A900 to postpone necking, as determined by the Considere
criterion, resulting in higher ductility compared to A800.

(@)
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3.3. Deformed microstructure

The deformed microstructures of the alloys were explored through
EBSD analysis (Fig. 5). The local strain (g)oc) was measured using the DIC
technique [33] (Supplementary Fig. S5). At a €}, of ~10 %, both alloys
exhibit an almost fully FCC phase. Compared to the initial undeformed
microstructure (Fig. 1(e) and (f)), the increased twin boundary fraction
implies the activation of deformation twinning, with A800 and A900
showing a similar increase in twin boundary fraction. As g}, increases to
~20 %, the deformation-induced BCC martensite begins to emerge in
both A800 and A900, with A800 exhibiting a higher BCC phase fraction
(~1.8 %) compared to the negligible BCC phase fraction in A900 (~0.3
%). When g, further increases to ~30 %, the BCC phase fraction of
A800 sharply rises to ~13.5 %, while that of A900 remains at ~3.8 %. As
the fraction of the BCC phase increases, the FCC/BCC phase boundary
fraction also increases, while the twin boundary fraction decreases in
both samples, implying that twin boundaries serve as nucleation sites for
DIMT [11]. HCP phase was not detected in any of the EBSD analyses.

Noting that the initiation and subsequent facilitation of DIMT show
similar trends to the onset of stage II in both alloys, it can be inferred that
DIMT drives the change in strain-hardening behavior [12]. The
newly-born BCC phase can enhance strain-hardening behavior by
bearing a significant amount of applied load or generating geometrically
necessary dislocations (GNDs) at the phase boundaries, a phenomenon
known as the TRIP effect [7,34]. This TRIP effect accounts for the
transition in strain-hardening behavior from stage I to stage II. However,
since the EBSD analyses were conducted on a few localized points, it is
challenging to ascertain the global DIMT kinetics, characterized by a
critical strain or transformation rate; this limitation is addressed in the
following in-situ synchrotron XRD results.

3.4. In-situ synchrotron XRD results

Fig. 6(a) and (b) display the in-situ synchrotron XRD line profiles of
A800 and A900, each obtained at different stress/strain levels during the
tensile test (Supplementary Fig. S6). During the initial stages of defor-
mation, only the FCC peaks are observed; however, the BCC peaks
emerge during plastic deformation in both alloys due to DIMT. No HCP
peaks were observed across all deformation stages (Supplementary
Fig. §7), indicating that a direct martensitic transformation occurred
from FCC to BCC [15]. Note that such direct FCC to BCC martensitic
transformation can occur through two shear deformations, as described
by the Bogers-Burgers model [35]. As plastic deformation progresses,
the intensity of the FCC peak decreases, while the intensity of the BCC
peak increases. For A800, the intensity of the (110) BCC peak even

(b)
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Fig. 4. (a) Engineering stress-strain curves of A800 and A900, with an inset table summarizing their tensile properties. (b) True stress-strain and strain-hardening

rate curves of A800 and A900.



J.H. Lee et al.

(a) A800 (b) A900

—— Grain boundary

L. RD — Z3 twin boundary

A’

pm

5

Materials Science & Engineering A 942 (2025) 148642

(c)
1.0 A800 A900
—s&— —0o— FCC grain boundary
—e— —O— FCC twin boundary
= 08 —aA— —A— BCC grain boundary
o . —v— —v— FCC/BCC phase boundary
=
[$]
L 8 067
ZL, =
I BCC ~0.3% >
©
T 04
[=
3
o
m o2
0.0
T T T T T
0 10 20 30 40
€loc; %

Fig. 5. EBSD IQ + BCC phase maps of tensile deformed (a) A800 and (b) A900. (c) Evolution of FCC grain boundary, FCC twin boundary, BCC grain boundary, and

FCC/BCC phase boundary fractions in A800 and A900 as a function of gje.

(a) A800 (b) A900

(c)

A=0.14032 A

Intensity, a.u.

(200)gcc  (211)gec (220)5c] (110)gcc

(200)gcc  (211)gec (220)5cd

A=0.14032 A N

Intensity, a.u.
°
»
!
/
| |

v

—
{ \
1»
s
Phase fraction
3
\.
e

iy /"
20, degree 20, degree

(220)pcc (31M)pcc (222)pcc (1M)gec (200)pcc

=

(1115 (200)5ec

(220)ecc (31M)cc (222)gcc

e L
$T—F i 0.2 o
4 o e —m— AB00_FCC
o® _e-e-0° —e— AB00_BCC
2 00w @ © 6—& o 0O = A900_FCC
i —e— A900_BCC
— T T T T T T T T T
0.00 0.05 0.10 0.15 0.20 0.25 0.30 0.35 0.40 0.45 0.50 0.55
True strain

Fig. 6. In-situ synchrotron XRD patterns of (a) A800 and (b) A900 during tensile deformation. (c) Evolution of phase fractions (FCC and BCC) as a function of true

strain in A800 and A900.

surpasses that of the (111) FCC peak in the later stages of deformation.
In contrast, for A900, the FCC peaks remain the major peaks with higher
intensity compared to the BCC peaks until the later stages of deforma-
tion. The fraction of the BCC phase can be calculated by comparing the
intensities of the FCC (IlX,.) and BCC (I’X..) peaks, as follows [36,371:

1Nmphkl hkl
HZOIBCC / RBCC

(5)

fBCC =

b
15 hkl Rkl | 1N"Myhkl hkl
;Zolﬁcc / Rice +EZOIBCC / Rgee

where R is the theoretically calculated peak intensity of the hkl planes
in phase i, and n = 5 and m = 4 represent the numbers of diffraction
peaks for the FCC and BCC phases, respectively. The calculated phase
fraction evolutions of A800 and A900 are comparatively shown in Fig. 6
(c). A800 shows an earlier activation of DIMT compared to A900; the
critical strains for DIMT in A800 and A900 are ~0.17 and ~0.23,
respectively. Additionally, A800 exhibits a significantly accelerated
transformation rate compared to A900. Taken together, these results
confirm that AB00 demonstrates faster DIMT kinetics than A900.

Another notable feature in the in-situ synchrotron XRD line profiles
is the leftward shift of the peaks, indicating an increase in lattice
spacing. By tracing the increase in lattice spacing of the FCC phase
(d), the lattice strain of a hkl plane of the FCC phase (£/%,.) can be
calculated, as follows:

hkl hkl
hkl dFCC - dFCC,O
FCC — dhkl ’
FCC.0

©

where d?’élcyo is the initial lattice spacing obtained from Fig. 1(a). The

calculated evolution of lattice strain for the FCC phase in A800 and A900
is depicted in Fig. 7(a) through 7(d). In both alloys, the lattice strains of
all hkl planes exhibit linear responses to applied true stress/strain during
the elastic deformation stages but begin to display non-linear responses
after yielding. By performing a linear fitting of the lattice strain response
versus applied true stress during the elastic deformation (Fig. 7(c) and
(d)), the elastic moduli of each FCC plane (E?gc) can be obtained, and the
results are summarized in Table 3. Meanwhile, a clear separation in
lattice strain is observed among the FCC planes. The (200) grain family
exhibits the highest lattice strain, while the (111) and (220) grain
families show relatively low lattice strains. This variation in lattice strain
within the FCC grain families arises due to orientation-dependent plas-
ticity [38,39].

The FCC phase stress (opcc) can be determined using the following
equation [36]:

i /thz
_ n_ trcc/ “\Fce KL hkl )
O'FCC—ZO nphid Rk Foc EFce:

>0 FCC/ FCC

By comparing the FCC phase stresses of A800 and A900, it is
observed that A900 exhibits higher FCC phase stress throughout the
entire plastic deformation compared to A800 (Fig. 7(e)). Additionally,
SHR curves from the derivative of the FCC phase stresses reveal that the
FCC phase in A900 demonstrates a higher SHR than that in A800 (Fig. 7
().

4. Discussion
4.1. Strengthening mechanism

The yield strength (oys) of A800 and A900 can be estimated using the
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Table 3
EfkL. of A800 and A900.

Ewl) [GPa]l  EZW) [GPa]l Eex) [GPa]l Eoy) [GPa]  E?) [GPa]

A800  281.8 166.8 234.2 211.3 268.0
A900  305.6 181.3 288.9 224.3 328.6

following equation [10]:

Oys =0p + Aggb + Aappt + Aosn ®

where 69, Acg, Aoy, and Acgs represent the lattice friction stress, grain
boundary strengthening, precipitation strengthening, and solid solution
strengthening, respectively.

The grain boundary strengthening can be described by the Hall-Petch
relation as follows [40]:

Acg =K,-D*® ©)

where K, is the Hall-Petch coefficient and D is the average grain size.
Given that abundant annealing twin boundaries in A800 and A900 also
serve as effective barriers to dislocation glide, the Hall-Petch relation
can be modified as follows [41,42]:

Aagb :Ky'Deffio'S, (10)

D
Dot =1 kin(D/D0)” an

where Dy is the effective grain size considering annealing twin
boundaries, Dy the smallest grain size containing annealing twin, and k
= 0.4 [41] the constant. Using Dy = ~0.95 pm for A800 and Dy = ~0.78
pm for A900, the average grain sizes were converted to effective grain
sizes of ~1.73 pm for A800 and ~1.72 pm for A900. Since A800 and
A900 have similar effective grain sizes, their calculated Acg, values, by
taking K, = 494 MPa pm®® from the CoCrFeMnNi HEA [43], are also
close, at ~375.6 MPa and ~376.7 MPa, respectively.

In the case of precipitation strengthening, two types of carbides, M¢C
and Mj3Cg, contribute through the Orowan mechanism due to their non-
shearable nature [10,44,45]. The Orowan mechanism is expressed as
follows [14,46]:

Gbf°S Ind
Aap,,t:0538%, 12)

0.5
- @ do, a3

where G, b, f, d, and d, represent the shear modulus (~82.3 GPa bor-
rowed from Ref. [7]), the magnitude of the Burgers vector (~0.2531 nm
for A800 and ~0.2534 nm for A900), the volume fraction of the car-
bides, the real spatial diameter of the carbides, and the average diameter
of the carbides, respectively. The Aoy, values of A800 and A900 were
calculated as ~52.8 MPa and ~44.6 MPa, respectively. It should be
noted that A900 exhibits precipitation strengthening comparable to
A800, despite having a ~32 % lower carbide volume fraction. Given that
A900 has a smaller average radius, this is due to the characteristics of the
Orowan mechanism, where a smaller precipitate size leads to a greater
strengthening effect.

Attention is now shifted to solid solution strengthening. In the Co-Cr-
Fe-Ni-Mo-C FeMEA, Mo and C contribute to solid solution strengthening
[10]. Mo atoms, having a large atomic radius, serve as substitutional
atoms and amplify lattice distortion [47,48], whereas C atoms occupy
interstitial sites in the FCC matrix and generate interstitial strengthening
[49]. Therefore, Mo and C atoms alloyed in the FCC matrix increase
resistance to dislocation glide, and the resulting increase in friction
stress can be expressed as oo + Aoy;. It is revealed by the STEM analysis
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(section 3.1) that the FCC matrix in A900 contains more Mo and C
content (Mo = ~2.71 at% and C = ~0.36 at%) than in AS00 (Mo =
~2.10 at% and C = ~0.05 at%). Using the solid solution strengthening
values of ~78 MPa/at% from the C-doped CoCrFeMnNi HEA [49] and
~2.4 MPa/at% from the Mo-doped CoCrFeMnNi HEA [47], along with
the lattice friction stress value of ~125 MPa from the CoCrFeMnNi HEA
[43], the 6¢ + Aoy values were calculated to be ~133.9 MPa for AS00
and ~159.5 MPa for A900.

The stacked contributions of each strengthening mechanism are
depicted in Fig. 8. The calculated yield strengths of both alloys are well
matched with the experimental yield strengths (oyses). It can be
observed that as precipitation strengthening intensifies, solid solution
strengthening weakens, indicating that precipitation and lattice distor-
tion compete in contributing to the strengthening mechanisms. By
comparing the strengthening mechanisms of both alloys, the reason
A900 exhibits yield strength as high as that of A800, despite having a
lower carbide volume fraction, can be summarized as follows; A900
benefits from its smaller carbide size, which contributes to effective
precipitation strengthening, while the higher Mo and C content in the
FCC matrix significantly enhances solid solution strengthening.

4.2. Deformation mechanism

During the early stages of plastic deformation, A900 shows a higher
SHR than A800. In-situ synchrotron XRD analysis (section 3.4) reveals
that the FCC matrix in A900 experiences higher phase stress and SHR
than that in A800, implying that the intrinsically higher strain-
hardenability of the FCC phase in A900 is responsible for its enhanced
SHR in the early stages of deformation. To further elucidate the under-
lying mechanism, the back stress (6pqk) and effective stress (o) are
evaluated by LUR tests using the following equations [50]:

Aloop
= o 14
el 2Wioop as
Oback = Oflow — Oeff, (15)

where A, and wyy,, represent the area and width of each hysteresis
loop, respectively, and o4y, is the flow stress. In Fig. 9(c), the calculated
Opack and o for each specimen reveal that A900 exhibits a steeper in-
crease in back stress compared to A800, with a more pronounced back
stress contribution. This suggests that the superior strain-hardenability
of the FCC phase in A900 is primarily attributed to enhanced back stress.

Back stress originates from the long-range interactions of disloca-
tions accumulated at microstructural obstacles such as grain boundaries,
twin boundaries, and coarse precipitates [51]. The enhanced back stress
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o
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Fig. 8. The calculated contributions of each strengthening mechanism in A800
and A900. The stacked heights represent the calculated yield strengths, with the
experimental yield strengths presented for comparison.
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back stress contribution.

observed in A900 suggests more effective dislocation pile-up in A900
compared to A800 during the early stages of plastic deformation, where
the density of boundaries newly generated by deformation twins is
comparable (Fig. 5(c)). FCC-structured HEAs or MEAs are known to
exhibit strong slip planarity due to severe lattice distortion, which
promotes effective dislocation pile-up at boundaries and leads to high
back stress, a phenomenon known as lattice distortion-induced back
stress [20,21,24]. Severe lattice distortion in HEAs and MEAs signifi-
cantly impedes the recombination of separated partial dislocations,
which is essential for cross slip [52], thereby enhancing slip planarity
and contributing to high back stress. A800 and A900 also exhibit strong
slip planarity, as confirmed by post-mortem ECCI analysis
(Supplementary Fig. S8), with A900 showing a higher slip planarity,
while A800 displays more tangled dislocations deviating from slip
planes. Notably, the FCC matrix in A900 contains higher concentrations
of solute Mo and C atoms, resulting in greater lattice distortion
compared to A800. Consequently, the FCC matrix in A900 exhibits more
significant lattice distortion-mediated back stress than that of A800,
which primarily accounts for the superior back stress. Please note that
although A800 contains a higher fraction of coarse precipitates, which
can serve as dislocation obstacles, the overall back stress is higher in
A900. Previous studies investigating the impact of Mo or C additions on
the mechanical properties of HEAs have reported a similar tendency of
increasing SHR with greater lattice distortion [18,19,53], which
strongly supports our finding. In addition, the earlier activation and
accelerated transformation rate of DIMT in A800 may also contribute to
SHR degradation by accommodating global strain through trans-
formation plasticity, resulting in a stress-relaxation effect [54,55].

As plastic deformation advances, DIMT occurs rapidly, and the newly
formed hard BCC martensite generates a strengthening effect based on
the rule of mixtures [23,36,54]. Consequently, A800, which exhibits
faster DIMT kinetics, enters stage II earlier than A900. Grain size is
generally known as a vital factor influencing DIMT kinetics [36,56];
however, since the average grain size and grain size distribution of A800
and A900 are similar, the grain size effect can be ruled out in this case.
To investigate the reason behind the different DIMT kinetics between
A800 and A900, the Gibbs free energy differences between the FCC and
BCC phases (AGFCC~BCC) were calculated based on the experimentally
obtained matrix compositions of A800 and A900 (Table 2). The calcu-
lated AGFCC—BCC of A800 is lower than that of A900 (Fig. 10), suggesting
that the phase stability of the FCC matrix in A800 is lower than that in
A900, which provides a higher driving force for DIMT. The reduced
phase stability of the FCC matrix in A800 arises from changes in the
matrix composition due to precipitation, a phenomenon known as
precipitation-driven metastability [10]. The present calculation result is
in accordance with previous works on the Co-Cr-Fe-Ni-Mo-C FeMEA
system, where active carbide precipitation decreased the FCC phase
stability [10,12]. Therefore, the more extensive carbide precipitation in
A800 than A900 leads to faster DIMT kinetics. Additionally, the higher
precipitate volume fraction in A800 is more advantageous for the
initiation of DIMT than in A900, as stress concentrations around the
precipitates can promote DIMT [12].

Following the hump in SHR, A800 experiences a decline in SHR,
caused by the initiation of plastic deformation in the newly formed BCC
phase [57,58]. As a result, the SHR falls below that of A900 again, and
A800 quickly enters necking. Meanwhile, A900 exhibits a delayed
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activation of DIMT and a later entrance into stage II. Attributed to the
DIMT-mediated TRIP effect, the SHR remains steady instead of
decreasing, which delays necking and consequently enhances ductility.

To summarize the deformation mechanisms, while greater lattice
distortion amplifies back stress in A900, prompted precipitation facili-
tates DIMT kinetics and enhances the SHR in A800, highlighting the
competitive interaction between lattice distortion and precipitation in
influencing the deformation mechanisms. It is important to note that
although A800 temporarily exhibits higher SHR than A900 due to more
active DIMT, the superior strain-hardenability of the FCC matrix in
A900, which contains more Mo and C atoms, leads to higher strain-
hardening in the early stages of plastic deformation, ultimately result-
ing in a high UTS for A900, comparable to that of A800. In addition,
delayed DIMT in A900 results in the postponed necking and an increase
in ductility. Therefore, it can be concluded that by suppressing precip-
itation and enhancing the degree of lattice distortion, utilizing lattice
distortion-induced back stress as the primary strain-hardening mecha-
nism, while employing delayed DIMT as the ductilizing mechanism,
enhanced tensile properties were achieved.

5. Conclusions

This study demonstrates a strategy to improve tensile properties in
Co15Cry3Fes7 sNiz sMosCy FeMEA by leveraging the competitive inter-
play between precipitation and lattice distortion in the strengthening
and deformation mechanisms. By altering the annealing conditions, the
precipitation of MgC and My3Cs carbides was suppressed in A900
(annealed at 900 °C for 10 min), leading to lower area fractions and finer
precipitate sizes compared to A800 (annealed at 800°C for 3 h), without
changing the average grain size. The changes in precipitation alter the
degree of lattice distortion, which is harnessed to tune both the
strengthening and deformation mechanisms, resulting in A900 demon-
strating enhanced tensile properties compared to A800. The reasons why
the A900 maintains a yield strength as high as that of A800, despite its
lower carbide fraction, are as follows: (i) refining carbide size to mini-
mize the reduction in precipitation strengthening, and (ii) enhancing
lattice distortion and solid solution strengthening by increasing the so-
lute concentrations of Mo and C in the FCC matrix. Additionally, the
balanced utilization of the lattice distortion-induced back stress and
DIMT enhances strain-hardenability, leading to superior ductility
without sacrificing strength. By incorporating more solute Mo and C
atoms in the FCC matrix, both lattice friction and phase stability of the
FCC matrix are increased. Consequently, improved lattice distortion-
induced back stress enhances the strain-hardening of A900 compared
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to A800 in the early stages of deformation, while the delayed activation
of DIMT prevents the onset of deformation localization and improves
ductility. This work provides a comprehensive understanding of
strengthening and deformation mechanisms in Co-Cr-Fe-Ni-Mo-C
FeMEAs along with strategies to enhance their mechanical properties,
which can help accelerate the practical application of these alloys.
Furthermore, by offering insights into how the control of precipitation
and lattice distortion can effectively enhance tensile properties, this
study paves the way for improving mechanical properties in other alloys
and designing new high-performance alloys using similar strategies.
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